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Abstract A retrospective on the use of sharp, fixed-

profile indenters as materials probes is presented. Inden-

tation is proposed as a simple but powerful methodology

for evaluating basic mechanical properties—elastic mod-

ulus, hardness, toughness—in all classes of materials.

Indentation also provides unique insight into fundamental

deformation and fracture processes. Of particular interest is

the existence of intrinsic size effects as characteristic

contact dimensions pass from macro- to micro- to nano-

scale dimensions. The utility of indentations as ‘controlled

flaws’ in the context of strength of materials is outlined.

The roles of two other important material factors—rate

effects and microstructure—are considered. Examples of

technological and biological applications are presented as

illustrations of the widespread power of the technique.

Strengths and limitations of the methodology as a routine

testing protocol are discussed.

Introduction

The use of indentations to probe the properties of materials

extends back several centuries [1–4]. The most common

indenters are made of ultra-hard materials, such as diamond

or tungsten carbide, in order to produce well-formed

impressions in test specimens without themselves suffering

damage. Their geometry is usually one of two kinds: ‘sharp’

with a fixed profile—pyramidal with four sides (Vickers,

Knoop) or three sides (Berkovich, cube corner)—or conical;

‘blunt’ with a characteristic radius of curvature, i.e. spherical

(Hertzian). Our focus in this article will be on fixed-profile

indenters, building on earlier review articles [5–7]. Those

readers specifically interested in Hertzian indentation are

referred elsewhere [5, 8, 9]. Indentation stress fields may be

usefully described in terms of characteristic scaling quanti-

ties: the spatial extent of the field by some characteristic

impression size; the intensity of the field by contact pressure.

Analysis of sharp indenter behaviour is simplified by a cer-

tain ‘geometrical similarity’ in the stress fields, insofar as the

contact pressure remains independent of size [2, 5]. Contacts

with fixed-profile indenters are largely elastic–plastic [10],

with the balance between competing deformation modes

dependent on material type: in metals, more plastic, with

relatively little impression recovery; in ceramics, more

elastic, with substantial recovery and accompanying frac-

ture; in polymers, viscoelastic, with partial recovery; in

composites, all of the above. The stresses beneath sharp

indenters are uncharacteristically intense, in some materials

approaching the cohesive strength of the specimen material,

often providing the only practical means of sampling point-

to-point intrinsic structural properties.

Indentations may be considered as ‘fingerprints’ con-

taining vital information about the mechanical response of

a given material. Select illustrative examples are shown in

Fig. 1, for a range of material types and contact sizes.

Quite apart from its diagnostic potential, indentation pro-

vides the means for routine quantitative measurement of

material properties: the size of a well-formed indentation is

a measure of hardness; the degree to which any such

impression ‘recovers’ on unloading is a measure of elastic

modulus; the time dependence of the loading–unloading

cycle measures ‘loss’ (as opposed to ‘storage’) modulus;

and the size of attendant cracks at the impression corners

measures toughness. We are interested in all these

B. R. Lawn (&) � R. F. Cook

Ceramics Division, National Institute of Standards

and Technology, Gaithersburg, MD 20899, USA

e-mail: brianlawn@gmail.com

123

J Mater Sci (2012) 47:1–22

DOI 10.1007/s10853-011-5865-1

Author's personal copy



properties, but our emphasis will lean toward brittle solids.

The versatility of the indentation methodology springs from

the availability of hardness testing machines and other rou-

tine mechanical testing equipment in materials laboratories.

Specimen preparation demands are minimal, requiring only

a small specimen with well-polished surface to enable mul-

tiple tests. Indentation testing is one of the most versatile

tools in the armoury of the materials scientist.

Fig. 1 Indentations in

materials: a impact crater,

Arizona; b Vickers indentation

in steel; c Vickers indentation in

monocrystalline (001) MgO;

d Vickers indentation in soda-

lime glass; e Berkovich

indentation in polymethyl

methacrylate. Impression sizes

range from kilometre to

nanometre
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A key issue that arises in indentation testing is that of size.

The scales for the examples shown in Fig. 1 range from

kilometre to nanometre. As one progresses from contacts on

the macro-scale through to the nano-scale there can be

apparent changes in mechanical properties, with attendant

transitions in the balance between competing damage pro-

cesses [11]. Such progression is readily studied in the labo-

ratory by progressively diminishing the contact load, in

extreme cases from kilonewton to nanonewton. Systematic

variations in mechanical properties, chiefly hardness, have

been variously discussed in terms of an ‘indentation size

effect’. While widely studied, the underlying mechanisms of

such effects remain a subject of debate. The ever-growing

quest for an understanding of deformation and fracture

mechanisms at the near-atomic level, along with the need for

a properties probe for investigating small-scale specimens

and devices, has led to the rise of a comparatively new branch

of contact mechanics—‘nanomechanics’—with the advent

of dedicated nanoindenters and atomic force microscopes.

The evolution of indentation techniques through the scaling

spectrum is a focal element in modern-day materials science.

The layout of this article is as follows. First, we discuss

testing in the region of microindentation, here loosely

taken to mean contacts at loads in the vicinity of 1 N or

above. In that part we make distinction between deforma-

tion and fracture, indicating how indentations may be used

to evaluate basic material properties—modulus, hardness

and toughness. Second, we discuss nanoindentation, for

contacts around 1 N or below. Following that, the use of

indentations as ‘controlled flaws’ in the evaluation of

strength of materials is outlined. Then we consider some

material aspects of indentation as they relate to structural

descriptors—deformation mechanisms, microstructural

interactions, rate effects, etc. Select applications in struc-

tural, functional and biological systems are cited to high-

light the broad utility of indentation testing. Finally, some

general conclusions are drawn, with an advocacy of the

methodology as an all-inclusive exploratory tool.

Microindentation

Deformation

Consider the configuration in Fig. 2 of a flat surface loaded

statically with a sharp fixed-profile indenter at an axial

load P. The indenter has a fixed apical half-angle w (here

measured from the load axis to the most remote vertex). In

an ideal elastic–plastic solid the indenter creates a residual

impression of characteristic dimension a (here measured

from the centre to the most remote corner or edge of the

impression). Hardness H may be defined in terms of con-

tact force/projected area of indent [2]

P
�

a2 ¼ aH ð1Þ

where a is a shape factor: cone indenter, a = p; symmet-

rical 4-sided (Vickers) indenter, a = 2; 4-sided but elon-

gate (Knoop) indenter, a = 2/7; 3-sided (Berkovich)

indenter, a = 33/2/4. The use of projected rather than

actual contact area is fundamentally more sound, because

it more directly determines the intensity of stress beneath

the contact [2]. Notwithstanding this, some hardness values

are traditionally measured in terms of actual contact area,

e.g. a = 2.157 for Vickers hardness number (VHN), so

some qualification of definitions is sometimes necessary.

In the rare case that the contact under the indenter is

purely elastic, e.g. some rubbers, the contact relation

is expressible in terms of Young’s modulus E using

Sneddon’s relation [12]

P
�

a2 ¼ a=2 1�m2
� �� �

E cot w ð2Þ

with a = p for a conical indenter and m Poisson’s ratio.

This equation also holds during the unloading half-cycle of

most other materials, and thereby provides a basis for

evaluating E (‘‘Instrumented testing’’ section).

Normally for irreversibly deformable materials the

indentation hardness is intrinsically related to the yield

stress Y. Analysis of the contact mechanics requires sim-

plifying assumptions concerning the nature of the defor-

mation zone. For rigid plastic solids with negligible elastic

deformation prior to yield (soft metals), material flows

unimpeded around the sides of the indenter and piles up

around the contact site. This kind of deformation process is

well-defined by slip-line plasticity theory [10]. According

to Tabor [2], the relationship between hardness and yield

stress for an isotropic solid then assumes a simple, limiting

form

H ¼ CY ð3Þ

with constraint factor C & 3. For elastic–plastic materials

with higher yield points (hard metals, soft ceramics) the

P

Plastic

Elastic

a

h

Fig. 2 Schematic diagram of elastic–plastic impression of half-

diagonal a from sharp indenter of semi-apical angle w at axial load

P and depth h
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deformation pattern begins to resemble more an

‘expanding cavity’ in which the material displaced

immediately beneath the indenter pushes radially outward

into an elastic ‘hinterland’, analogous to the expansion of a

hemispherical hole under internal hydrostatic pressure [13].

Materials in this class do not show plastic pile-up around

the impression. The relationship between hardness and

yield stress can now be expressed by Johnson’s relation

[14]

H ¼ 2Y=3ð Þ½1þ lnðE cot w=3YÞ� ð4Þ

Figure 3 is a plot of H/E versus Y/E, with Eqs. 2, 3 and 4

providing bounds for finite element analysis solutions.

Materials with small H/E (soft metals) lie toward the lower

left of this diagram, and are characterised by a plastic zone

extending well beyond the contact boundary; conversely

material with large H/E (hard ceramics) lie toward the

upper right, with plastic zone constricted to the contact

boundary.

Notwithstanding our caveats in the above contact

mechanics, it may be concluded that the competition

between deformation modes can be usefully quantified by

the ratio of hardness to modulus H/E. This assertion is

demonstrated in the degree of elastic recovery observed

during a full load P versus displacement h cycle for any

given material [15–19]. The lower the value of H/E the

greater the component of plasticity relative to elasticity,

and vice versa [16]. Recovery is effected by pushback of

the elastic hinterland on the plastic zone during unloading,

to a degree dependent on the partitioning of plastic and

elastic deformation during preceding loading. Figure 4

depicts typical load–unload P–h curves for idealised

material classes [20]: (a) an elastic solid with full recovery

(rubber), (b) an elastic–plastic solid with partial recovery

(hard ceramic), (c) a rigid plastic solid with zero recovery

(soft metal) and (d) a viscoelastic solid with hysteretic

recovery (cross-linked polymer). The presence of any

unrecovered impression depth implies the existence of

some residual stored stresses in the elastic region, espe-

cially in those materials that do not exhibit pile-up. The

utility of depth h in place of impression size a as a char-

acteristic contact dimension lies in its ready amenity to

instrumented measurement [7, 21], foreshadowing modern-

day automated nanoindentation (‘‘Instrumented testing’’

section).

It is implicit in most treatments of contact mechanics

that irreversible deformation is essentially a shear process,

definable by a yield stress, via dislocation motion or

twinning on well-defined crystallographic planes within the

structure. This is not always the case. Some materials,

especially those with larger values of H/E, may undergo

densification by compaction or phase transformation from

the intense hydrostatic compressive stresses within the

immediate contact zone. Classic examples include those

open-structured silicate (‘anomalous’) glasses without

network modifiers to facilitate structural slip [22, 23], some

semiconductors [24], porous ceramics [25] and foams [26]

in which compaction occurs by some form of interpore

microcrack coalescence or pore collapse (‘cataclastic

flow’) [27]. Other examples include materials that undergo

phase transformation under combined hydrostatic ? shear

Displacement, h 

Fully elastic Elastic–plastic

Fully plastic Visco-elastic

Lo
ad

, P
Lo

ad
, P

Fig. 4 Load P versus indenter displacement h for various idealised

material types. Energy dissipated during cycle given by area under

P(h) curve

0.20

0.15

0.10

0.05

0
0 0.100.050.025 0.075

Y/E

H
/E

Tabor

Johnson

Sneddon

FEM

Vickers indenter

Fig. 3 Plot of hardness versus yield stress, normalised to Young’s

modulus, for Vickers indenter
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stress (‘‘Pop-in and pop-out mechanisms’’ section). In such

instances the volume of the indentation is more readily

accommodated within the compaction zone, diminishing

the intensity of any residual stresses. Polymeric materials

deform with a large component of viscous flow [28].

Expanding cavity models are then no longer valid, and

alternative descriptions based on a ‘surface blister’ concept

have been used to model indentation-compaction stress

fields [29]. Other complicating factors are contact friction

[4], work hardening [4, 10], creep [30] and crystalline

anisotropy [31].

Thus, while indentations are easy to perform, theoretical

analysis is not straightforward. Much reliance has been

placed on simplistic contact models which, while capturing

the essence and providing explicit solutions, are subject to

many assumptions and approximations. The latest trend is

to solve all specific material cases by brute force numerical

methods. The advantage of such a course is that modern-

day computers can handle all manner of complexities in

material response and contact geometries in an objective

manner. However, numerical modelling is limited to case

studies, providing, at best, only semi-empirical functional

relations. Numerical approaches are also limited by the

validity of input constitutive relations for any given

material type, especially when competing deformation

processes (e.g. plasticity versus densification) are involved.

Fracture

All contact fields contain some component of tensile stress,

however small. This exposes the more brittle solids to

cracking around the contact site—so-called ‘indentation

fracture’ [5]. In some ceramics, the value of H/E can be as

much as 0.1, corresponding to contact pressures near the

theoretical limit of cohesive strength, an ideal condition for

crack initiation and propagation. Prior to a burgeoning

interest in ceramics in the sixties and seventies cracking

around indentations was regarded as a nuisance, at most a

curiosity. Indeed, the development of the Knoop indenter,

with its elongate contact, was first hailed as a means for

suppressing such fracture. In fact, fracture was not so much

suppressed as obscured beneath the Knoop hardness

impression [32]. Since then, indentation fracture has

arguably become the most widely used tool in the

mechanical evaluation of brittle solids.

The most common contact configuration for production

of well-defined indentation fracture patterns is that of the

conventional obtuse-angled (w = 74�) Vickers diamond

pyramid (Fig. 1d). Different modes of cracking formed by

such indenters are indicated in Fig. 5. Principal among

these are radial–median cracks: radial (R) cracks grow at

the surface and extend outward, usually from the impres-

sion corners; median (M) cracks form at the base of the

deformation zone and extend downward into the interior

[33, 34]. These cracks have a common characteristic fea-

ture: once initiated, they grow stably on an ever-expanding

curved front as load increases—they tend toward a ‘penny-

like’ geometry [35–38]. Fully developed R and M cracks

are really part of the same half-penny crack system,

although in some materials one mode may dominate the

other. The evolution of the R–M crack system is not

straightforward, as evidenced by the Vickers indentation

sequence for soda-lime glass in Fig. 6. This sequence,

photographed in polarised light from below, shows radial

cracks forming during loading (a, b), but continuing to

expand during unloading (c, d) [39]. The persistence of a

bright ‘Maltese cross’ on completion of the cycle confirms

the presence of a strong residual field from the radially

expanded plastic zone, with near-centrosymmetric tensile

hoop stresses—it is only the release of superposed elastic

compressive (Boussinesq) stresses localised near the

specimen surface that allows R cracks to expand into their

ultimate half-penny shape during unloading [40]. The

corresponding elastic stresses in the subsurface region are

actually tensile, so M cracks usually attain their maximum

depth at full load. The degree to which R lags M crack

development during the cycle depends on the relative

strengths of the elastic and plastic components of the

contact field [7, 40]: for materials with large H/E the

degree is more pronounced, while for materials with small

H/E it is less so.

L

C

C

R

R

L

M

a

c

Fig. 5 Crack patterns around plastic zone in brittle solid: M median

crack, R radial crack, L lateral crack, C peripheral crack
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Another fracture mode is the lateral crack (L) [7, 33, 41].

Lateral cracks initiate from the sides of the deformation zone

and expand outward and upward into a shallow saucer con-

figuration, again largely during unloading. They are faintly

visible as the near-circular fringe pattern in Fig. 6d. In

opaque materials they are identifiable by surface uplift

immediately surrounding the indentation or (in extreme

cases) where they intersect the surface by remnant surface

scallops. Lateral cracks have been modelled as a flexing disk

anchored at the base of the plastic zone, with somewhat more

complex fracture mechanics [41]. They are useful in the

modelling of wear and erosion of brittle surfaces from multi-

particle contacts [42]. Peripheral cracks near the edge of the

impression (C) are also evident in some materials, somewhat

analogous to cone cracks observed around blunt indenters [9]

but generally much shallower.

Notwithstanding its complex evolution, the fully

developed R–M crack is amenable to rigorous fracture

mechanics analysis. In the absence of rate effects (see

‘‘Indentations as controlled flaws’’ section), the unloaded

crack is in a state of stable equilibrium within the residual

stress field. Its geometry is effectively that of a centre-

loaded half-penny [35], resulting in a characteristic relation

between load P and corner crack length c (Fig. 5)

P
.

c3=2 ¼ 1=nð Þ H=Eð Þ1=2T ð5Þ

where T is toughness (KIC in engineering parlance) and

n = n0(cot w)2/3 is an angle-dependent dimensionless

quantity, with n0 an angle-independent quantity [40]. Note

again the appearance of the ratio H/E. A critical analysis of

Vickers indentation data for a range of glasses and

ceramics provides a coefficient n = 0.016 [43]. It is

implicit in En. 5 that the material is ideally elastic–plastic

with a radially expanding deformation zone and that it is

homogeneous and isotropic. Such conditions are not

always met, e.g. anomalous glasses, large-grain ceramics,

anisotropic monocrystals [43]. There have been several

variants on this approach, some simply presenting

‘improved’ evaluations of n, others suggesting slightly

modified forms of Eq. 5. Still others, based on different

crack geometries, e.g. shallow semi-elliptical ‘Palmqvist’

cracks [44], offer alternative relations between P and c and

differing dependencies on H/E [45, 46]. Such variants have

been usefully tabulated by Ponton and Rawlings [47, 48].

One of the most widespread uses of indentation fracture

in brittle solids is the measurement of toughness. Relations

of the kind in Eq. 5 provide a quick and economical route—

simply measure the surface lengths of R cracks at the corners

of Vickers indentations and deconvolute T [40, 44, 49]. All

that is required is a well-behaved R crack pattern on a

smooth surface, ideally with c [ 2a (Fig. 5). It is its sim-

plicity that has seen indentation fracture become the most

widely used of toughness tests in brittle materials, notwith-

standing its perceived vulnerabilities (diversity of equations,

departures from ideal crack geometries, sensitivity to nature

of plastic zone). The user needs to be cognizant of both

advantages and disadvantages of the technique [43, 47, 48].

200 µm

(a)

(c)

(b)

(d)

Fig. 6 Sequence showing

evolution of radial crack in

soda-lime glass during contact

with Vickers indenter: a partial

load, b full load, c partial

unload, d full unload.

Photographs taken in situ from

below indenter in polarised

light. Note extension of cracks

in c and persistent birefringence

in d, indicating existence of

residual tensile stress

component in the contact field.

Subsurface lateral crack is

faintly visible as near-circular

fringe pattern in d. From [39]
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One quantity that has proved elusive is that of ‘brittle-

ness’—how may one quantify the competition between

fracture and deformation in the mechanical response of a

solid? A simple measure follows from the different load

dependencies of plastic impression dimension a and radial

crack dimension c in Eqs. 1 and 5 [50, 51]. Physically, this

difference in dependencies is attributable to the fact that

fracture occurs on a surface (dimension2) while deforma-

tion occurs within a volume (dimension3). Illustrative data

for soda-lime glass and single crystal sapphire are plotted

in Fig. 7. The fitted P(a) and P(c) lines intersect at

a* = c*, obtained by inserting P = P* into Eqs. 1 and 5:

a� ¼ 1=anð Þ2T2
�

EH ð6Þ

And so we have an intrinsic size effect: above the

threshold, fracture dominates; below it, deformation dom-

inates. Metals and polymers have relatively large values of

a* and P*, ceramics have small values. The existence of a

threshold explains why brittle solids undergo wear by

microfracture in contacts with coarse particles (grinding)

and by microdeformation with fine particles (polishing).

From a micromechanics perspective, the fracture threshold

can be described in terms of initiation from deformation-

induced or pre-existing crack nuclei. In homogeneous,

isotropic materials—normal glasses and fine-grain poly-

crystals—these nuclei take the form of ‘shear faults’, dis-

crete slip events defined by trajectories of maximum shear

stress within the deformation field [36, 52–55]. Shear fault

traces at a section through a Vickers indentation in a glass

are shown in Fig. 8. Cracks can initiate either from

extensions of these faults into the underlying tensile field

or, more likely, from stress concentration sites at fault

intersections, depicted in Fig. 8b. In single crystals, the slip

planes and ensuing cracks tend to be constrained to

favoured crystallographic planes. Insofar as the intensity of

the indentation stress field is load invariant (H independent

of P), the critical condition for initiation is that the shear

fault should grow to some critical size (a � P1/2) [56]. In

coarse-grain structures the microstructure itself can provide

initiation sources (e.g. pores, weak grain boundaries). More

detailed micromechanical models of crack initiation within

the indentation field confirm the existence and essential

form of the threshold condition in Eq. 6 [51, 53, 54, 56].

There is room for more objective analysis of indentation

fracture, e.g. using the latest extended finite element

models. Such packages have the potential to accommodate

all manner of geometrical and material complexities—

crack configuration (radial–median, lateral), indenter type

(shape, angle), deformation mode (plasticity, compaction)

and material anisotropy (crystallographic, microstructural).

However, such methods should be seen as a complement,

not a replacement, for analytical models.

10-2 10-1 101 10310-3 100 102

102

101

100

10-1

103

Indenter load, P(N) 

In
de

nt
at

io
n 

di
m

en
si

on
 (

µm
)

a(P) c(P)
S-L glass
Sapphire

Fig. 7 Vickers indentation dimensions a and c as function of load P,

data for soda-lime glass and sapphire single crystal. Intersection of

curves indicates brittle–plastic transition. Data from [50, 183]

20 µm

Shear faults

Median crack

(a)

(b)

Fig. 8 a Section through Vickers indentation in an arsenic trisulphide

glass at load P = 2 N. Deformation is accommodated by ‘shear

faults’ beneath the contact. Courtesy T.P. Dabbs. b Schematic

diagram indicating how shear-fault or slip-line intersections generate

median cracks beneath the contact axis (or radial cracks at the

surface)
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Nanoindentation

Instrumented testing

The last two or three decades have witnessed an explosion

of interest in ‘nanoindentation’, driven by a continuing

push toward small-scale material and thin film systems

[57]. This explosion has become so focussed that nanoin-

dentation operators have formed a community of their own.

Nanoindentation is distinguished from its more traditional

predecessors by a shift in measurement paradigm, from

direct measurement of contact area to depth sensing. This

shift has evolved partly to avoid the increased impracti-

cality of contact area measurement at low loads but, more

importantly, because of the amenability of depth mea-

surement by precision transducers [58]. The latter lends

itself to electronic automation. There are now several

commercial instrumented nanoindentation testing

machines available on the market. Inbuilt software enables

recording and analysis of complete load–unload P(h) data

through one or more contact cycles (Fig. 4). Most instru-

ments have the capacity to place extended arrays of con-

tacts at preselected locations on a specimen surface, with

some form of microscope facility (including AFM) to view

the indentations after the event. Additional facilities

include sliding contacts (scratch testing), frequency-

imposed oscillatory force modulation (energy dissipation

in polymers), stiffness mapping, acoustic emission and

replacement of sharp indenters with small spheres (adhe-

sion measurement) [59].

Another distinguishing feature of nanoindentation is a

shift from 4-sided to 3-sided indenters, primarily because

of a greater ease in fabricating indenters with sharp tips.

The most common nanoindenter geometry is the Berkovich

(w = 77�), with half-angle similar to Vickers (w = 74�).

(The Berkovich and Vickers geometries have the same

‘equivalent cone’ angle 70.3�.) Also widely used is the

more acute cube-corner indenter (w = 42.3�), introduced

by Pharr in order to facilitate evaluation of indentation

toughness in smaller specimens [60, 61]. Pharr found that

Eq. 5 remains valid for cube-corner indenters but with a

substantially larger coefficient n = 0.040, thereby resulting

in much diminished values of a* (and P*) in Eq. 6 [60]. In

a more detailed study, Morris and co-workers investigated

the role of indenter angle over a range of w [62–64] and

reported some distinctive changes in deformation and

fracture patterns. An example is shown in Fig. 9 for

indentations at a common load 200 mN in soda-lime glass.

For the more acute indenters, those authors noted an

increase in pile-up around the indentations and a greater

incidence of radial cracking. They argued that the

expanding cavity model implicit in Eq. 5 no longer applies

to acute indenters and that the driving force for fracture in

those cases may come more from a crack-wedging com-

ponent in the loading [62–64]. Nonetheless, the basic

penny crack P/c3/2 dependency in Eq. 5 continues to holds

in all these configurations.

Building on the descriptions of elastic recovery descri-

bed earlier, many attempts have evolved in an attempt to

analyse the P(h) function, with an express aim of

5 µm
(b)(a)

(d)(c)

Fig. 9 Residual impressions in

soda-lime glass from 3-sided

diamond indenters of different

acuity, at load 200 mN:

a Berkovich (w = 77.0�),

b custom indenter (w = 68.8�),

c custom indenter (w = 61.3�),

d cube corner (w = 54.7�).

Scanning electron microscope

images. Note increasing

incidence of pile-up and corner

cracking with decreasing w.

From [64]
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deconvoluting characteristic material properties. The most

widely adapted of these is that by Oliver and Pharr [58],

derived from Sneddon’s relation in Eq. 2. Hardness H and

‘reduced’ modulus Er are measurable from the elastic–

plastic loading and unloading half-cycles, respectively:

H ¼ Pm=A ð7aÞ

Er ¼ p=Að Þ1=2S=2 ð7bÞ

with projected contact area A = A(h) a semi-empirical

function and S = dP/dh a ‘stiffness’ measured at the onset

of unloading [58, 65]. The reduced modulus is related to

the Young’s modulus E by 1/Er = (1 - mi
2)/Ei ? (1 - m2)/

E, with subscript i denoting indenter. The quantities H and

Er in Eq. 7 are usually extracted by the machine software.

The advantages of automated indentation testing are

eminently apparent and account for the widespread use of

the methodology today. On the surface, its computerised

operation would appear to make measurement simple and

objective. However, there is an element of ‘black box’ in

the technology that can lead the untrained practitioner

astray. It is crucial that due attention be paid to potential

artefacts—instrument calibration, thermal drift, pile-up or

sink-in, surface roughness, tip rounding, tip adhesion and

so on [57]. Nanoindentation is a lot more than simply

pushing a button.

Small-scale deformation and size effects

As indicated earlier, traditional contact deformation theory

for fixed-profile indenters has been largely developed on

the presumption of geometrical similarity, i.e. hardness

H independent of load P [2]. Along with the advent of

nanoindentation has come mounting evidence that this

condition can break down. Most often in such instances

H tends to increase as indentation size diminishes into the

nano domain, to a degree dependent on the class of

material. Initial attempts to explain this behaviour were

directed toward extrinsic causes [66]: oxide or other sur-

face layers, machining and polishing damage, residual

stresses and contact friction. However, size effects are

apparent in even the best-behaved and best-prepared

materials, indicating some intrinsic contribution.

Perhaps the most widely quoted model accounting for an

intrinsic dependence of hardness H on indent size is that of

Nix and Gao [67]. Those authors describe a competition

between ‘randomly stored’ and ‘geometrically necessary’

dislocations. The argument goes that the density of geo-

metrically necessary dislocations, those needed to accom-

modate the volume of the indentation, increases as depth h

diminishes, leading to the following H(h) dependence:

H ¼ H0 1þ h�=hð Þ1=2 ð8Þ

where H0 is an asymptotic high-load (P-invariant) hardness

and h* is a transition depth dependent on shear modulus,

average shear strain within the deformation zone and

indenter angle. An example, showing a fit to data for silver

single crystals [68], is plotted in Fig. 10. The value of h* is

typically much larger for metals than for ceramics. The

model is somewhat phenomenological, with a basis in

continuum ‘strain gradient’ theory [69].

Considerable work has been conducted over the years on

the observation of actual dislocation activity beneath sharp

indenters in the electron microscope, on an ever-decreasing

scale [32, 70–77]. At low-load indentations in brittle

materials like silicon, dislocations appear as well-spaced,

discrete loops, as seen in the transmission electron images

in Fig. 11. Some stress relief must accompany the pop-in

of any single loop, necessitating a further increase in

contact area to rebuild the stress in order to nucleate the

next loop. This element of discreteness in the plasticity

process may go part way to explain an increased hardness

in the nanoindentation domain, as the probability of

locating dislocation sources within an ever-smaller volume

diminishes with decreasing load.

Pop-in and pop-out mechanisms

Apart from offering simple measurements of modulus and

hardness, nanoindentation is uniquely placed to provide

fundamental information on the way materials undergo

structural phase transformations under intense compres-

sion. Such transformations are of special interest in small-

scale semiconductor devices, where damage at stress-con-

centrating contacts can lead to system failure. Phase

1000

0

200

400

600

800

20 10.5 1.5

H
ar

dn
es

s,
 H

 (
G

P
a)

Indentation depth, h (µm)

Ag [110]

H0

h*
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transformations in semiconductor materials were first

reported by Drickamer and colleagues using an engineer-

ing-scale high-pressure apparatus [24], and subsequently

by Piermarini and Block [78] using compact diamond anvil

cells. But those types of equipment are available only in

highly specialised laboratories and are costly to operate.

Nanoindentation also generates sufficiently high levels of

hydrostatic compression to activate transformations but

with much wider accessibility and more economical oper-

ation. It is in this context that the use of nanoindentation to

identify and quantify phase transformations in semicon-

ductors and other materials has expanded dramatically over

the last two decades [72, 73, 75, 76, 79–81].

The clearest manifestation of a phase transformation in a

nanoindentation experiment is the appearance of a dis-

tinctive displacement excursion or load drop in the

P(h) curve, depending on the system compliance. Some

events are less distinctive, marked by an ‘elbow’ in the

curve. These events can occur on loading (pop-in) or

unloading (pop-out). An example of pop-out in single

crystal silicon indented at low load is shown in Fig. 12a.

This particular excursion is attributable to stochastical

nucleation of a pressurised Si-II phase (transformed from

Si-I almost immediately on loading) to less dense Si-III and

Si-XII phases [79]. Silicon exhibits such transformations

more than any other material studied to date, and for this

reason (in addition to its importance in the semiconductor

industry) has drawn the lion’s share of attention in the

nanoindentation community. An armoury of analytical

techniques—transmission electron diffraction, Raman

spectroscopy, electrical resistance, etc.—has helped iden-

tify several crystalline and amorphous phases [80, 82].

Additional, pop-in displacement excursions can be

caused by the initiation of individual slip bands, cracks or

other irreversible processes. An extreme example is given
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Fig. 11 Transmission electron micrographs of nanoindentation sites

in Si single crystals. a Surface view, indentation load P = 5 mN.

Specimen prepared by ion beam machining of indented surfaces from

below. Note dislocation loops around immediate contact site. Image

courtesy B.J. Hockey. b Side view, indentation load P = 30 mN.

Thin section machined by focussed ion beam milling. From [77].

Intersections of slip faults are favoured sites for crack initiation (cf.

Fig. 8b)
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in Fig. 12b, showing a ‘giant’ pop-in attributable to the

sudden spallation of a lateral crack [83]. These events have

not received the same degree of attention as phase

transformations.

Controlled indentation flaws and strength degradation

Indentations as controlled flaws

The strength of real materials is governed by the ubiquitous

presence of microscopic or submicroscopic defects or flaws:

in metals, predominantly dislocation slip bands or faults

[84]; in ceramics, microcrack-like stress raisers [85]. A

single defect in an otherwise ‘perfect’ solid can diminish

strength by orders of magnitude relative to the upper theo-

retical limit calculated from bond force laws [86]. These

defects are typically distributed in broad populations, often

necessitating some form of stochastic treatment. It is in this

context that indentations can provide insight into the intrinsic

strength properties of materials, by serving as ‘controlled

flaws’ [87]. An indentation can be placed in the surface of a

specimen to create a critical flaw at a predetermined location,

thus enabling direct observation of the micromechanics of

flaw evolution during subsequent tensile loading [39]. The

sensitivity of strength to flaw size can then be investigated by

systematically varying the indentation load [88]. Moreover,

material properties can be deconvoluted from strength data,

with less reliance on statistical analysis.

Here we focus on brittle solids containing indentation

flaws in the postthreshold region of Fig. 7, leaving con-

sideration of subthreshold flaws to the next subsection. The

origins of flaws in this class of material are diverse, ranging

from spurious surface handling defects in glasses and sin-

gle crystals to internal sources of microstructural weakness

or stress concentration in polycrystalline ceramics [89].

The Griffith theory of strength [85] states that brittle

fracture initiates spontaneously from a flaw of character-

istic dimension c at a critical tensile stress S = T/kc1/2,

with k a crack geometry constant. This presumes the

absence of any rate-dependent crack growth from interac-

tion with a chemically active environment, especially water

(see ‘‘Rate effects’’ section), in which case the quantity S

defines an ‘inert strength’. Consider an indentation flaw

with radial–median (R–M) crack of dimension c formed at

load P (Fig. 5), and neglect for a moment the existence of

any residual contact stresses from the plastic zone. In

combination with Eq. 5 we may directly eliminate c to

obtain a strength equation in terms of P:

S ¼ ð1=kÞT4=3=P1=3 ð9aÞ

where 1 = (1/n1/3)(H/E)1/6. In reality, residual contact

stresses persist at indentation flaws during subsequent

tensile loading, providing a superposed driving force that

needs to be taken into account in the fracture mechanics

[88]. Because the residual contact field declines rapidly

with distance from the plastic zone, this extra driving force

falls off with radial distance, causing the crack to extend

stably with increasing load to about twice its immediate

post-contact size before attaining instability. Such a

precursor stage of stable crack growth is a distinguishing

feature of cracks in localised stress fields. The ensuing

strength equation retains the same form as Eq. 9a, but with

a modifying factor:

S ¼ ð31=4kÞT4=3
.

P1=3 ð9bÞ

Failure is now ‘activated’ rather than ‘spontaneous’.

Reversion to Eq. 9a can be effected by annealing out the

residual stresses or polishing away the plastic zone prior to

strength testing, but those are unnecessarily onerous prep-

aration procedures.

Indentation–strength testing is appealing for a variety of

reasons. It provides insight into the evolution of many

natural flaw systems because of the facility for in situ

observation of crack extension from initiation to failure,

with far more information on the fracture process than can

be gained by post-mortem fractography [89]. It usefully

quantifies the sensitivity of material strength to degradation

from any prospective contact event—scratches, machining

flaws, particle impacts and so on [90–94]. Illustrative

strength data for select brittle materials with controlled

Vickers indentation flaws are plotted in Fig. 13, with solid

line data fits to Eq. 9b. Horizontal dashed lines indicate

strength cutoffs above which natural flaws dominate

indentation flaws. The methodology also offers an alter-

native route to toughness evaluation, by direct deconvo-

lution from the data fits. A major advantage is that the

strength relation involves load P rather than crack size c,

and is therefore much less susceptible to measurement

error. Note that the coefficient 1 in Eq. 9 is especially

insensitive to any uncertainties in values of H/E and n.

Moreover, the resistance to fracture for any given material

may be simply assessed from the relative position on

strength degradation plots like Fig. 13, without any need

for toughness evaluation. In addition, the characteristic

sizes of natural flaws may be determined from the loads at

which the solid and dashed lines intersect in Fig. 13, again

without knowledge of toughness. The main disadvantage of

the procedure is the restriction to one result per specimen, a

drawback common to all strength testing protocols.

There are variants on the method, e.g. the placement of

multiple ‘dummy’ indentations in any given specimen

surface to determine the critical crack size at failure, cir-

cumventing any uncertainties in crack geometry coefficient

k in Eq. 9 [95].
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Size effects in strength behaviour

The strength degradation analysis in the preceding sub-

section applies strictly to postthreshold indentations, i.e.

indentations with well-formed R–M cracks. But what about

indentation flaws in the subthreshold region? Images of

Berkovich nanoindentations in glass, silicon and sapphire

immediately on either side of the threshold are shown in

Fig. 14 [96]. Note the absence of any visible corner cracks

at the subthreshold impressions. Is it conceivable that such

deformation-dominated indentations could cause premature

failure in subsequent tensile loading? Early strength tests

by Dabbs and co-workers on pristine silicate glass fibres

and etched glass rods containing ostensibly crack-free

Vickers indentations indicated that this is indeed the case

[97, 98]. Recall from the side view images for glass in

Fig. 8 and silicon in Fig. 11 that deformation zones are

made up of discrete subsurface shear faults or slip bands,

and that these faults act as effective nucleation sites for

R–M crack initiation. Thus it seems that even the most

innocuous of damage sites has the potential to degrade

strength properties.

To quantify this assertion, Fig. 15 plots strength data

for highly polished silicon and sapphire with Berkovich

nanoindentations as a function of load, analogous to

Fig. 13 but now extended into the subthreshold domain

[96, 99]. The filled data points are verified spontaneous

failures from subthreshold indentations, the unfilled points

are activated failures from postthreshold indentations. The

data points in Fig. 15, even those for subthreshold inden-

tations, lie well below the theoretical cohesive limits

for defect-free materials, confirming significant strength

degradation. Assuming spontaneous initiation from an

‘incipient microcrack’ (discrete shear fault or slip band) of

size determined by the contact dimension (c = a), and a
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residual field of intensity proportional to the contact pres-

sure or hardness H (Eq. 1), fracture mechanics yields [96]

S ¼ ð1=kÞ½ðaH=PÞ1=4T � jH� ð10Þ

with j another crack geometry coefficient. Note the

appearance of H in addition to T in this relation, empha-

sising the role of the plasticity field. The solid curves

through the subthreshold data are fits to this relation; the

dashed linear portions in the postthreshold region are taken

from the fitted Vickers data in Fig. 13. It is notable that

although the subthreshold strength levels lie above the

extrapolated postthreshold line, there is no abrupt discon-

tinuity associated with the transition.

It can be concluded that otherwise strong brittle mate-

rials are susceptible to minute nanocontacts, even in ini-

tially ‘perfect’ materials like dislocation-free silicon and

pristine optical glass fibres, a result highly relevant to

small-device applications where reliability is a paramount

concern.

Other materials factors

Rate effects

Our discussions so far have implicitly assumed equilibrium

conditions in the indentation deformation and fracture

mechanics. This is not the norm; kinetic effects abound.

They are manifest in the deformation properties as inden-

tation creep or time-dependent hardness. Whereas in metals

[30, 100] and ceramics [101] indentation creep may be

considered relatively minor, the same is certainly not true

of polymers. In these latter materials the mechanical

response is largely viscoelastic; time dependence is of the

essence. An indentation at fixed load in a soft polymer can

more than double its size in a matter of minutes. Typical

indentation creep data for three polymers are plotted in

Fig. 16, showing (a) load–displacement P(h) curves and

(b) indenter displacement as a function of hold time at peak

load [28]. The extent of creep depends on the degree of

cross-linking in the polymer structure. Analysis of the

indentation cycle for viscoelastic solids is more complex

than for quasistatic elastic–plastic materials, and phenom-

enological rheology models are often employed to facilitate

a mechanical description. By superimposing an oscillatory

component in the loading, it is possible to deconvolute

‘real’ (storage) and ‘imaginary’ (loss) components of the

complex elastic modulus E = E0 ? iE00 from machine

stiffness data [102, 103]. With a surging interest in soft

tissue engineering [104], ever more attention is being

devoted to indentation micromechanics in this class of

deformable materials.

Rate effects are also evident as moisture-enhanced

fracture events at postthreshold indentations in ionic–

covalent glasses and ceramics [105, 106]. If moisture is

excluded from the test chamber, e.g. by flushing with dry

nitrogen gas, the crack configuration at full unloading (e.g.

Fig. 6d) remains immobile over time. But the moment

laboratory air is admitted, the radial cracks accelerate

outward, slowing steadily over time, ultimately more than

doubling in size [43, 107]. Typical R crack data for post-

threshold Vickers indentations in soda-lime glass are

shown in Fig. 17a. (Lateral cracks expand more slowly, but

eventually catch up.) Even trace quantities of water in

nominally dry environments like silicone oil can facilitate

growth, albeit at a much reduced rate. The crack growth is

then governed by a velocity function, commonly written in

power-law form v = v0(K/T)n, where K is a stress intensity

factor and v0 and n are constants [105, 106]. The exponent

n, which quantifies the susceptibility of a given material to

environmental interaction, can be readily evaluated from

such data [108]. Rate effects are also manifest at sub-

threshold indentations, as delayed R crack pop-ins well

after completion of the indentation cycle. As seen in

Fig. 17b, the lower the contact load the greater the delay

[55, 109]. In this case the kinetics is attributable to rate-

limited intrusion of moisture into newly generated shear

faults (Fig. 8a), augmenting the crack initiation process.

Sustained growth of flaws during subsequent tensile

loading leads to reductions in strength over time, i.e.
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‘fatigue’. The most common form of fatigue testing is that

at constant stressing rates dr/dt = rt (‘dynamic fatigue’).

Dynamic fatigue relations for glasses and fine-grain

ceramics containing postthreshold indentations are

obtained by solving a crack velocity differential equation,

with a residual stress term incorporated into the stress

intensity factor [110–112]. For postthreshold indentations

formed at load P the strength is given by

SP1=3 ¼ A0rtPð Þ1=ðn
0þ1Þ ð11Þ

where A0 and n0 = 3n/4 ? 1/2 are characteristic quantities

for a given material. Load-normalised data for soda-lime

glass containing postthreshold Vickers flaws in water are

plotted in Fig. 17 [113]. The crack velocity exponent

n can be extracted directly from fits to these data, with

considerable accuracy and again without any knowl-

edge of toughness. Included in Fig. 18 are data for

subthreshold Vickers flaws [114]. Although a rigorous

fatigue analysis is not available for such flaws, it is

noteworthy that the data also satisfy Eq. 11, albeit with

greater strength values, greater scatter and smaller n0. The

value of such dynamic fatigue testing is that it provides

essential crack velocity parameters for predicting chemi-

cally assisted strength degradation in any alternative

engineering stress state, including those pertaining to

static and cyclic loading [112]. Typically, for most glasses

and fine-grain ceramics under some form of sustained

loading, strengths degrade by a factor of 2 or 3 over a

year [115].
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Microstructure effects

There is a vast literature on the role of microstructure on

mechanical properties of materials. Here we just touch on

select examples to illustrate how indentations have been

used to investigate this role.

In metals, scaling effects are most clearly demonstrated

in the dependence of hardness on grain size l, according to

a Hall–Petch relation [116]

H ¼ H0 þ k=l1=2 ð12Þ

with H0 a macroscopic limit and k a ‘Petch parameter’. The

l dependence is loosely attributed to reduced stress inten-

sities associated with dislocation pile-ups at the boundaries

of smaller grains, making it more difficult to nucleate slip

in neighbouring grains. Such hardening with microstruc-

tural refinement can transform ordinarily soft metals into a

brittle state at ultra-low grain sizes, i.e. in the domain of

nanomaterials. However, there is also some suggestion that

softening can occur in the nanoscale region. A fundamental

understanding of the micromechanisms responsible for the

grain size dependence remains a subject of continuing

debate, especially in the case of hardness reversal

phenomena.

Ceramics are also susceptible to microstructural scaling

effects. Fine-grain materials with well-polished surfaces

show an analogous Hall–Petch dependence of strength on

grain size [117, 118]. Thus the strength of carefully

prepared nanocomposite materials increases with dimin-

ishing grain size. On the other hand, tests on specimens

with controlled indentation flaws demonstrate emphatically

(contrary to earlier assertions) that toughness does not

increase with diminishing grain size [119]. Those tests

confirm that the microstructure controls the size of intrinsic

flaws. Behavioural changes are also apparent at the oppo-

site end of the microstructural scaling spectrum, in the

realm of coarse-grain ceramics and composites. Indentation

fracture patterns then tend to be more disjointed and

irregular, making it harder to determine toughness from

direct crack size measurement [43]. In the coarsest

ceramics R–M cracks are suppressed altogether, replaced

by a cloud of shear-nucleated microcracks at weak internal

interfaces within the confined deformation zone [120].

Such transitions from a brittle to ‘quasiplastic’ response are

most clearly revealed by small sphere indenters, because of

the capacity to observe the full evolution of damage from

initial elastic contact to full plasticity. An example is

shown in Fig. 19 for fine-grain (brittle) and coarse-grain

(quasiplastic) micaceous glass–ceramics [120, 121]. In

cyclic contact loading, frictional attrition at the intergran-

ular interfaces results in severe mechanical degradation of

the contact zone—‘contact fatigue’ [122–124]. The same

intergranular frictional process can effectively increase the

toughness of any ensuing R–M cracks, by inhibiting grain

pullout across the trailing crack interface [125–127].

Toughness then becomes an increasing function of crack

size, so-called R-curve behaviour, with a more pronounced

functional dependence in larger grain materials [128].

R-curves can be deconvoluted from indentation–strength

data [129], but the domain of heterogeneous structures

belongs more firmly in the camp of large-scale engineering

testing.

Discussion

The picture of fixed-profile indentation as a universal

materials probe evolves from a rich history of mechanical

testing extending back well over a century. This article has

barely touched on the scope of the subject. We have

emphasised the many advantages of indentation testing—

its compelling simplicity, its unique capacity for point-to-

point sampling and data mapping on a specimen surface, its

extraction of materials properties from load and contact

dimension measurements, its insight into fundamental

underlying deformation and fracture processes, its basis as

a model for contact-related processes such as wear and

erosion, and its role in providing controlled flaws for

quantifying strength properties. We have loosely distin-

guished between microindentation and nanoindentation:

microindentation is especially amenable to materials
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testing, requiring only a basic hardness machine along with

routine polishing and microscope equipment; nanoinden-

tation is ideal for small-scale specimens and is usually

automated but more intricate and requires greater expertise.

The main dangers lie in interpretation of the data—of being

unaware of the limitations in quantitative evaluation and of

regarding the equipment (especially nanoindentation) as a

black box.

Perhaps the most widespread use of indentation testing

is in the evaluation of material properties, most notably

Young’s modulus E, hardness H and toughness T. Of these

quantities modulus is the most basic, ideally expressible in

terms of cohesive force laws but in real materials some-

what dependent on microstructure. It is readily deconvo-

luted from the unloading portion of the P(h) curve.

Discrepancies between values obtained by nanoindentation

relative to other, more conventional techniques may arise

from uncertainties in evaluation of the machine calibration

or other artefacts. Hardness is a more elusive quantity—

witness the various empirical attempts over the ages to

define it. It depends on indenter geometry—no two ind-

enters give the same value. In well-behaved elastic–plastic

materials H provides a measure of yield stress Y, but in

other materials it relates more closely to densification or

other deformation processes. It is also highly sensitive to

compositional variations, and even to trace amounts of

impurity (steel). Nevertheless, again because of simplicity

in measurement, ‘indentation hardness’ remains a most

resilient measure of resistance to deformation.

Toughness is another ethereal quantity. Whereas in an

ideal brittle solid it is expressible in terms of an intrinsic

surface energy c, i.e. T = (2cE)1/2, in most materials it

involves dissipation of energy over and above that required

to create new surfaces [89], dependent on microstructural

variables (grain size, porosity, second phase) and envi-

ronment, as well as on any extraneous fabrication stresses.

Consequently, T can vary from batch to batch, specimen to

specimen, and even from point-to-point within a single

specimen. Given this variability, and mindful of the

acknowledged limitations in the fracture equations [47,

48], the indentation method may not be conducive to

determination of ‘absolute’ toughness values. Some argue

that the vulnerabilities outweigh the simplicity and advo-

cate discontinuation of indentation as a routine testing

protocol altogether [130, 131]. But what is the alternative?

Traditional fracture specimens involve exacting fabrication

of specimens with machined notches or precracks—an

uneconomical and time-consuming process and impractical

at small scales. They also require dedicated fracture

mechanics expertise and are themselves subject to artefacts

and reproducibility issues. Moreover, if indentation

toughness is not representative of long-crack values, it

follows that long-crack toughness can say little about

fracture in the domain of small-scale structures and devices

where concentrated stress intensities provide the greatest

threat. In any event many behavioural trends, especially

those relating to strength in specimens with controlled

flaws, can be quantified without recourse to absolute

toughness values at all.

Perhaps the greatest asset of indentation testing is the

insight it provides into the fundamental processes of

deformation and fracture, especially as one heads into the

nanoscale domain [11]. It can be made to cover a vast

range of indentation sizes and loads (e.g. Figs. 1, 7, 15). It

demonstrates how continuum mechanics needs to be

replaced by discrete models based on nucleation and ini-

tiation events, highlighting the dangers of unconditional

downward extrapolation of conventional deformation and

fracture laws; there are intrinsic size effects. It enables us

to quantify terms like ‘brittleness’, and accounts for duc-

tile–brittle transitions associated with increasing contact

dimension and microstructural refinement. It provides

unique information on the ways materials behave under

ultra-high stresses, revealing new slip processes and

transformation phases. It establishes a generalised frame-

work for determining the micromechanics of the many

250 µm

(a) (b)
Fig. 19 Contact damage in

a fine-grain and b coarse-grain

micaceous glass–ceramic, from

indentation with WC sphere of

radius 2 mm at load 1000 N,

showing a brittle to quasistatic

transition. The materials have

the same composition in the two

cases, and differ only in the heat

treatments used to produce the

mica crystalline phase. From

[121]
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different flaw types with or without local residual stress

fields, e.g. included particles. It allows for the study of

temperature dependence of mechanical properties [132,

133]. Finally, in providing controlled flaws in strength

specimens, it enables one to quantify the extreme vulner-

ability of brittle components to the smallest contacts, even

those with no visible cracks.

Indentation technology has a wide diversity of practical

applications. Two are illustrated here in Panels—(A) lay-

ered structures (coatings and films, composites, interfaces),

and (B) biological hard tissues (teeth). Others include the

following:

Residual stress evaluation

Residual stresses from materials processing and fabrication

can be readily estimated by direct measurement of radial

crack lengths or by indentation–strength testing. Tests on

stress-free control specimens provide a baseline for eval-

uation. This approach was first used in thermally tempered

and chemically strengthened glasses [134, 135], and has

since been applied routinely in a wide range of practical

ceramic-based systems. Strategically placed microinden-

tations have also been used to map out the residual elastic–

plastic stress fields around larger Vickers indentation sites

[136].

Chipping

Chipping near the edge of a brittle structure has long been

of concern in the maintenance of engineering structures

[137] and the anthropology of stone tool fabrication [138].

Vickers indentations placed close to the edges of glasses

and fine-grain ceramics have been used to determine the

mechanics of chip formation [139]. Median cracks from the

contact site extend stably downward under load to a critical

depth before abruptly spalling a chip off the side wall. The

equivalent critical load has the form P/h3/2 = bT (cf.

Eq. 5). This relation is cited as another route to toughness

evaluation [139].

Cutting, wear and erosion of brittle surfaces

The contact or impact of brittle surfaces with sharp parti-

cles can cause strength loss [93, 94] or erosion [42], both of

which are readily modelled by indentation theory. At high

velocities, particulates may deliver sufficiently intense

loads over infinitesimal impact durations as to cause local

surface melting in even the most refractory ceramics [140].

A sliding sharp indenter incurs damage along a linear

scratch trace [5, 141, 142]: for light (subthreshold) loads,

the damage is subthreshold plastic flow; for heavy

(postthreshold) loads, heavy microcracking becomes

apparent. Cumulative scratching in the subthreshold region

is the basis of ultraprecision machining models [143].

Functional materials

The use of indentation, especially nanoindentation, is ideal

for probing the properties of small-scale devices such as

micro- and nano-electro-mechanical systems (MEMS and

NEMS) [144], magnetic storage disks [145], low-k dielec-

trics [146].

Indentation testing has proved itself to be remarkably

durable. It is arguably the most versatile of all mechanical

testing techniques. It most assuredly will continue to

flourish. For many applications, especially those in the

small-scale region, it is the only game in town. At the same

time the methodology has its acknowledged limitations—

the user should use it wisely, in full knowledge of all its

pitfalls as well as its documented advantages.

Panel A: Layered or graded structures—coatings

and films, composites, interfaces

There is considerable interest in layered materials struc-

tures for functional engineering structures [147]. Coatings

or thin films can be applied to protect a vulnerable

underlying substrate—by shielding the interior from

otherwise deleterious external forces (optical fibres); by

providing wear, corrosion or thermal resistance (engine

components); by arresting cracks in laminated structures

(ceramic armour, shellfish, teeth); by providing electronic

function (packaging)—the list goes on. The structures often

combine different material types in an effort to extract the

best of all worlds. Indentation is particularly useful for

characterising layered structures, because of widespread

exposure to concentrated contacts during function [148].

We mention only a select few examples here.

An area that has received particular attention is the use

of nanoindentation to characterise the deformation of thin

films. Analyses taking into account the strong influence of

the substrate on the elastic–plastic stress field are available

[149–151]. Such analyses can be used to deconvolute E and

H values of constituent layer materials. As an illustrative

example, Fig. 20 shows raw modulus E and hardness

H data plotted as a function of relative indent depth h/d for

silicon substrates with oxide and nitride films of thickness

d. Asymptotic limits to empirical fits provide values for

thin film (h/d \\ 1) and substrate (h/d [[ 1) materials.

Extrapolation to these limits is somewhat subjective, with

dependence on the specific E(h) and H(h) relations used.

Indentation is also valuable in elucidating the adhesion

properties of brittle films and coatings [152–154]. The
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plastic zone around a sharp indentation drives a lateral

crack along a weak film/substrate interface, leading to film

delamination. Residual deposition stresses can exacerbate

the delamination by causing buckling in the film. The

delamination is usually evident as surface uplift around the

indentation, enabling measurement of the crack size and

calculation of interface toughness. An example is shown in

Fig. 21. Film blistering and wrinkling have been observed

and analysed in a variety of thin film systems [155–157].

It is possible to study the properties of interfaces in

brittle layer systems by placing exploratory microindenta-

tions nearby. An example is shown in Fig. 22 for Vickers

indentations adjacent to sapphire fibres in a fine-grain

alumina matrix [158]. The fibre in (a) is uncoated, that in

(b) is coated with a thin layer of monazite (LaPO4).

Monazite is uncommonly stable in high-temperature oxi-

dising environments. It also provides a weak interface:

whereas in (a) the lead corner crack from the indentation

penetrates the interface and passes unhindered into the

fibre, in (b) it deflects into the interface and causes deb-

onding. Fibre debonding is an important element of com-

posite toughening, by dissipating energy via frictional

pullout behind propagating cracks (‘bridging’) [126, 159].

Judiciously placed indentations can be used for quantitative

evaluation of interface toughness and friction stress [160–

162]. An analogous emplacement procedure has been

used to quantify the role of interfaces in porcelain

veneers fused to zirconia cores for dental crowns [163].

In that case it is functionally desirable that the interface

be strong, to prevent catastrophic delamination of the

veneer from the core. Variations in the sizes of Vickers

radial cracks can be used to quantify any residual stresses

in the veneer from interlayer thermal expansion mismatch

[164].

Panel B: Biological hard tissues—tooth enamel

Indentation techniques are currently being used in the

analysis of hard and soft biological tissues [104, 165]. One

example receiving considerable attention is that of tooth

enamel, for its relevance to dentistry [166, 167] and evo-

lutionary biology [168–170]. Figure 23 is illustrative,

showing Vickers microindentations in (a) a horizontal

section through a human molar and (b) a soda-lime glass

surface, at a common load. A striking feature of the two

patterns is their similarity, despite widely different micro-

structures: enamel is a little softer and a little tougher than

glass, but not by much. Tooth enamel can be modelled as a

brittle shell protecting a soft and compliant dentine interior

[171, 172].
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Fig. 20 Plots of nanoindentation modulus E and hardness H as

functions of depth-to-thickness h/d. Data are for Si substrates coated

with oxide and nitride films. Curves are fits to empirical E(h) and

H(h) relations, with asymptotic extrapolations to film (left) and

substrate (right) limits. From [186]

(a)

(b)

Fig. 21 a Schematic depiction of delamination of thin film from

substrate at indentation site. b Vickers indentation at load P = 420

mN in 1.5 lm thick ZnO film on Si substrate. Debonding at interface

is visible as fringe pattern, immediately before (left) and b after

(right) buckling. From [187]
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We have mentioned the utility of nanoindentation as a

means for mapping out mechanical properties across a

selected area. In such applications the machine software is

programmed to place a closely spaced array of nano-

indentations, evaluate modulus E and hardness H at each

point, and process the data into a digitised image.

Figure 24 is a classic illustration of such mapping across a

vertical section through a human molar by Cuy et al. [167].

Significant property gradients are manifest, with stiffer and

harder material at the outer surface. One explanation for

such gradients is compositional variation from the outer

surface to the inner junction between enamel and dentine.

Whatever the cause, it is clear that tooth enamel is not a

homogeneous structure.

Additional work on property variations has been con-

ducted on the dentition of other primates [173, 174]. Such

work is of interest for its implications in the evolutionary

process. Nanoindentation data for E and H along linear

traces on molar tooth sections of the great apes, including

humans, is shown in Fig. 25 [174]. The traces are

remarkably similar in all the species, strongly suggestive of

a common ancestral past [175].

Tooth enamel has a hierarchical microstructure that

can significantly influence mechanical properties. It

consists of groups of hydroxyapatite rods weakly bound

by fluidized protein sheaths. In a series of papers, He &

Swain have applied nanoindentation testing to examine

and model the deformation properties of enamel under

contact (occlusal-like) loading conditions [176–181]. The

weak protein interlayers provide easy slip paths between

relatively rigid rods. It is analogous to the push-in of

fibres in a reinforced composite [162]. He & Swain

envision the deformation taking place by unravelling

folded peptide chains within the proteinaceous sheaths.

The sheaths are highly susceptible to intrusion of water

and exhibit creep. The deformation can recover to some

extent, by refolding of the peptide chains. An analogous

tendency for recovery is also exhibited at newly formed

crack interfaces, by infusion of protein-rich fluids (self-

healing) [182].

Fig. 22 Vickers indentations placed adjacent to sapphire fibres in a

fine-grain alumina matrix: a fibre uncoated, showing penetration of

corner crack across interface; b fibre coated with monazite, showing

debonding at weak interface. From [158]

Fig. 23 Vickers indentations in a human molar enamel and b soda-

lime glass, common load P = 10 N
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